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TEM studies of AI2Oa-q,-AION composites show the presence of precipitates in the 1,-AION 
phase, due to a partial decomposition of this metastable phase formed during heat treatment. 
Thermal treatment (1650 ~ has no effect on the microstructure, while compressive creep de- 
formation (1650 ~ 10-30 MPa) leads to a decrease of the 7-AION content. This phase de- 
composes, probably into alumina or alumina-poor AION. The precipitation process can be ac- 
tivated by the presence of dislocations, and is associated with a slight increase in strain rate 
during creep. 

1. Introduction 
Recent studies [1, 2] showed that the addition of 7- 
aluminium oxynitride (7-A1ON)in an alumina matrix 
has an interesting effect on some of its properties. The 
presence of 7-A1ON in the alumina matrix improves 
its wear resistance [3]. At room temperature such 
composites have the same mechanical properties as 
alumina, but the 7-spinel phase limits grain boundary 
sliding in the temperature range 1100-1500~ this 
mechanism leads to macroplasticity in fine-grained 
alumina material tested under creep conditions, so 
that flexural strengths of the composites are main- 
tained above 1000 ~ [2, 4]. The toughness values are 
also maintained and even increased for high 7-A1ON 
contents (3040 vol %). 

Recently it has been shown that fine-grained ceram- 
ics can exhibit superplastic behaviour at high temper- 
ature under rather low stresses, and elongations to 
rupture higher than 100% have been reported [5]. As 
for metallic materials, the presence of a second phase 
limits grain growth phenomena in ceramics and gen- 
erally improves the superplastic behaviour of such 
materials. In this way plastic deformation up to 500% 
has been obtained in fine-grained alumina-zirconia 
composites [6]. During superplastic deformation of 
single-phase ceramics or composite materials [6, 7], 
various structural evolutions can be observed: en- 
hanced grain growth [8], cavity nucleation and 
growth, some crystallographic texture and in some 
cases grain elongation or even recrystallization as 
observed in spinels [9]. 

This work has been undertaken to see if such super- 
plastic behaviour could be observed in alumina-y- 
aluminium oxynitride composites. The structural 
evolutions have been studied during thermomechan- 
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ical treatment to separate the strain/stress effects on 
microstructure from the influence of temperature 
alone. Composite materials with different nominal 
volume fractions of A1ON were tested between 20 and 
35 MPa. MacroscoPic flow behaviour under creep 
conditions was studied by the strain rate (a) evolution 
for constant stress tests and by measuring the stress 
exponent of the relationship g = f ( o " ) w i t h  stress 
jump experiments. Structural evolution during ther- 
momechanical treatment is characterized in terms of 
cavitation (density loss), grain size, crystallographic 
texture and ~,-A1ON volume fraction which can vary 
because of initial Al20 3 enrichment of this phase. 

2. Experimental procedure 
The composite materials were obtained by uniaxial 
hot-pressing of A1203-A1N mixtures. With regard to 
the phase diagram established by McCauley and 
Corbin [10] the initial A1N contents in the powder 
mixtures were chosen to prepare composites with 10, 
20 and 30 vol % of A1ON. Hot-pressed disks were of 
30 mm in diameter and 12 mm height. The real A1ON 
volume fractions were deduced from the measured 
densities of the hot-pressed disks, assuming that they 
are fully dense (with pA~203=3.987gcm-3 and 
PAIoN ~ 3.65 gcm-3). 

Microstructures were observed on polished and 
thermally etched surfaces parallel to the pressing dir- 
ection and to the uniaxial creep stress after deforma- 
tion. Thermal etching conditions (1450~ 2 min in 
flowing H2) made the A1ON phase appear with a light 
grey colour on scanning electron micrographs. 

X-ray diffraction (XRD) spectra were obtained on 
polished surfaces parallel to the hot-pressing stress 
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direction and perpendicular to that of uniaxial creep 
stress. Two different ratios calculated from X-rays 
peak heights are used: z to follow the evolution of the 
y-A1ON content, and R to follow the crystallographic 
texture evolution of the A120 3 phase: 

I AION 
1: -= IcalON -}- i220 X 100 

IA1203 / A1203 
113 "-~ " 1 0 4  

(I lo 1 o / ~  Ihk.)AlzO3(hot  pressed) 
R = 

(I  1 o 1 o / ~  I hk i t )A1203  (powder) 

R is a normalized peak intensity ratio [11] for the 
1010 crystallographic plane of the ~-A1203 structure 
markinga small angle with its basal plane. 

Transmission electron microscopy (TEM) observa- 
tions were made on ion-milled thin foils sputtered with 

carbon and using a 200kV electron microscope 
(Hitachi HS00). 

Creep experiments were performed either under 
constant stress or with some stress jumps to estimate 
the stress exponent n. A reference sample (labelled T) 
was systematically positioned next to the creeping 
sample so as to be subjected to the same heat treat- 
ment but in a stress-free condition. Other details of 
creep conditions have been described elsewhere [7, 8]. 
Samples were parallelepipeds with dimensions 
24 mm x 8 mmx 8 ram. 

3. Mater ia ls  and creep behaviour 
Table I presents the preparation conditions and 
characteristics of the hot-pressed materials to be ther- 
momechanically treated. 

Fig. 1 shows the microstructures of the three mater- 
ials. A remarkable fact can be pointed out: while 
A1203 and A1N powders have been mixed in propor- 
tions to obtain materials with 10, 20 and 30% volume 
fraction of A1ON for respectively A, B, and C mater- 
ials, the density measurements, the microstructure ob- 
servations and the z X-ray ratios clearly indicate a 
much higher fraction of A1ON for B and C materials. 
Previous work [1] showed that the A1ON content 
increases with sintering temperature. These observa- 
tions contradict the verticality of the AlzO3-rich limit 
composition of the 7-oxynitride in the phase diagram 

Figure 1 Microstructure of hot-pressed AIzO3-y-A1ON com- 
posites: (a) material A, (b) material B, (c) material C. 

T A B L E  I Preparation and characterization of AI2Oa-7-A1ON composites 

Material Powders (wt %) Hot-pressing conditions 

A1203 AIN * T(~ P(MPa) t(min) 

Density 

(gcm - 3 ) 

A1ON 
(vol%) 

A1203 RlOlO 
grain size (l~m) 

A 98.45* 1.55 1800 15 30 3.956 3.5 10 
B 96.88* 3.12 1800 15 30 3.885 11.4 33 
C 95.52* 4.48 1820 15 30 3.810 23.1 55 

10 0.68 
5 0.68 
3 0.85 

* Al~O3 A6Z, Criceram (France). 
* AlaO 3 GE6, Baikowski (France). 

AIN S, Starck (Germany). 
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Figure~2 X-ray spectrum of material illustrating the high volume fraction of AION and the presence of 5-oxynitride phase: ( O ) A1203, ( X ) 7- 
A1ON, ( Q ) 6-A1ON. 

proposed by McCauley and Corbin [10]. They are in 
good agreement with the results of Bassoul et al. [12] 
who showed the possibilities of synthetizing a spinel 
oxynitride containing up to 80 or 85 mol % AIzO 3. 
However, according to Bassoul et al. this AlzO3-rich 
spinel is metastable and thermal treatments can de- 
compose it into alumina and an A1ON spinel phase 
with a low Al~O3 content. Taking account of the 
sintering temperature of the samples (1800~ this 
means that at the creep temperature (1650~ the "/- 
A1ON phase which must be rich in A120 3 should be 
metastable and could decompose. Material C (Table I) 
also presents some ~ (tetragonal) oxynitride (Fig. 2). In 
the as-hot-pressed materials two kinds of AION grain 
are observed: polygonal grains at alumina triple junc- 
tions, and more elongated grains along some A120 3 
grain boundaries. The alumina grain size decreases as 
the y-A1ON content increases; this clearly illustrates 
the limiting effect of second phase on the A1203 grain 
growth during sintering. The R values lower than 
unity indicate a slight basal texture perpendicular to 
the pressing direction. 

Creep curves (i  versus e) of these composites are 
represented in Fig. 3. Contrary to fine-grained single- 
phase alumina [7, 8] for which strain rates decrease 
continuously due to grain growth, the strain rates can 
be considered as constant or even lightly increasing 
from the beginning of the test. As for other ceramic 
composites or biphased superplastic metals, a kind of 
steady state (constant strain rate) is observed with a 
low softening effect (increasing strain rate). The low 
stress exponents (1.5 < n < 2), the strain rate range 
(10- s < ~ < 10-4) and the levels of deformation with- 
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out macroscopic damage are characteristic of super- 
plastic behaviour. The alumina grain size varies from 
one material to the other and nothing is available in 
the literature about the y-AION phase plasticity, so it 
is rather difficult to discuss the effect of A1ON volume 
fraction on the deformability of such composites. The 
conclusion is that about 30% A1ON volume fraction 
could be an optimum to easily reach high deformation 
levels. 

10 4. 
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Figure 3 Strain rate versus true strain at 1650~ under creep 
conditions. Test Nos 498 and 503 were performed with stress jumps 
between 25, 30 and 35 MPa. (. �9 .) material A, ( - - )  material B, 
(-3 material C. 



T A B L E 11 Characterization of composite samples after thermomechanical treatment at 1650 ~ 

Stress Final true Time at Density variation, 
Material Test No, (MPa) strain 1650~C (rain) 100 (PD - Pr)/PT •T rD Ro 

A 801 20 - 0,486 366 - 5.43 0.52 2.91 
503 30 - 0,486 t 72 - 6.87 1.1 1.2 2.56 

B 575 20 - 0.475 300 + 0.31 10,5 6.8 1.17 
498 30 -0.485 122 1.11 10,4 8.4 0.99 

C 840 20 -0.25 225 +3.5 21,7 22.2 0.827 
838 30 -0.47 185 +4.01 19.9 18.1 0.915 

* D and T subscripts refer to deformed samples and stress-free annealed samples, respectively. 

Figure 4 Microstructure of A1203-y-A1ON composites after ther- 
momechanical treatment. (a) Material A for 172 rain at 1650~ 
under 30MPa, ~ = -0.47. Material B for t20min at 1650~C: 
(b) annealed state and (c) under 30 MPa, e = - 0.48, Material C 
for 225 min at 1650~ (d) annealed state and (e) under 20 MPa, , 
e = - 0.25. 

4. Structural evolution, interpretation 
and discussion 

T a b l e  II p resents  the  va r i a t i ons  o f  dens i ty  and  X-rays  

p a r a m e t e r s  z and  R for  samples  of  the three  c o m -  

pos i tes  af ter  t h e r m o m e c h a n i c a l  t r ea tmen t .  D e s p i t e  

s o m e  inhe ren t  inaccurac ies  in such t en ta t ives  o f  q u a n -  

t i f ica t ion  s o m e  m a r k e d  tendenc ies  can  be emphas i zed .  

T h e  dens i ty  losses of  d e f o r m e d  samples  of  ma te r i a l  

A are  m a i n l y  due  to cavi t ies  which  are  l oca t ed  at  t r ip le  

j u n c t i o n s  of  A120  3 gra in  bounda r i e s ,  as can  be seen in 

Fig. 4a. O t h e r w i s e  s o m e  we igh t  va r i a t i ons  are  meas-  

u red  after  a l o n g  t ime  at  1 6 5 0 ~  (t  > 200 min)  bu t  

a n n e a l e d  and  d e f o r m e d  samples  a re  iden t ica l ly  affec- 

ted. Such  cavi t ies  p r o b a b l y  resul t  f r o m  the  n o n -  

a c c o m m o d a t i o n  o f  g ra in  b o u n d a r y  s l iding:  such a 

m e c h a n i s m  is m o r e  i m p o r t a n t  in l a rge r -g ra in  ma te r i a l  

such as A c o m p a r e d  to B and  C compos i t e s .  In  add i -  

t ion to this c a v i t a t i o n  the  s igni f icant  d e v e l o p m e n t  of  a 

basa l  t ex tu re  p e r p e n d i c u l a r  to the  un iax ia l  c reep  stress 
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can be noted. Such a texture could result from the 
activation of basal slide in this larger-grain material: 
the creep stresses imposed for these tests were higher 
than the stress necessary to activate basal dislocation 
slides in alumina at 1650~ [11]. In material with a 
rather low A1ON fraction the overall deformation 
would result from grain boundary sliding more or less 
well accommodated by transgranular dislocation 
plasticity and by cavitation. 

For materials of higher A1ON content (B and C) no 
significant basal crystallographic texture and cavit- 
ation are observed, but X-ray analysis and micro- 
graphs (Table II and Fig. 4) show a significant A1ON 
content decrease after thermomechanical treatment; 
this phenomenon is much more important in de- 
formed samples of B material than in C. The micro- 
structures of the stress-free annealed samples are 
similar to those of the initial composites (Fig. 4b and d). 
For composite C (55 vol % A1ON) the y-spinel con- 
tent is not much affected by deformation, while the 8- 
oxynitride has almost completely disappeared. Some 
aluminium nitride is also detected after deformation 
under 30 MPa. This unexpected decrease of A1ON 
content during creep deformation is more pronounced 
and easily observable in B material, with probably not 
much interference with 8-oxynitride phase as in the C 
composition. 

We have therefore focused the TEM observations 
on B material (33 vol% A1ON) to get some more 
experimental details of this phenomenon. In the as- 
hot-pressed material B the alumina grains present no 
defects or dislocations. The A1203-AI203 and 
A1203-Y-A1ON boundaries present no glassy phase. 

In the initial material the y-A1ON grains present a 
lot of defects in the form of little platelets (Fig. 5). The 
corresponding diffraction patterns show satellite 
points around those corresponding to some planes 
(for example (220)). These defects are not yet ana- 
lysed, but by analogy with the A1203-MgO system 
[13,14] and previous work on the y-A1ON spinel [12], 
we propose an explanation for these defects. 

As previously mentioned in the material descrip- 
tion, the y-A1ON phase should be rich in A1203 and in 
a metastable state. However, according to Bassoul 
et al. [12] this supersaturated spinel is metastable and 
thermal treatment can decompose it with the forma- 
tion of intermediate phases: 

(i) ~ phases: antiphase periodic structure formed in 
the (3 10) plane of the spinel. 

(ii) spinel phases 5A1N'AlzO3, or monoclinic 
13A1203 - A1N as described by Michel [15]. 

During the sintering treatment at 1800 ~ the spinel 
phase thus dissolves alumina. Our samples are cooled 
slowly enough to allow a partial decomposition of the 
y-spinel phase to the equilibrium phases spinel + al- 
umina; the resulting y-A1ON contains the intermedi- 
ate phases described before, that would correspond to 
the defects we observe. 

Such explanations are also supported by compar- 
ison with work on spinel MgA1204 saturated in alu- 
mina [13, 14, 16, 17]. As shown on the MgO-AlzO 3 
diagram [11] the spinel MgAI/O4 can dissolve a lot of 
alumina. Lewis [13] and Bansal and Heuer [14] 
showed that this supersaturated spinel is decomposed 
(like the oxynitride) by heat treatment, following these 
precipitation stages: 

Stage I: precipitation of spherical particles (~  10 nm) 
that gives a granular aspect on the TEM micrographs. 

Stage II: precipitation of particles with a plate-like 
morphology on some planes, near dislocations. 

Stage III: final precipitation of ot-A1203. 

According to these TEM observations, we propose 
that the fine platelets which are observed in the B 
initial sample would correspond to the second stage of 
precipitation (no granular aspect is observed in this 
sample; under other sintering conditions this was seen 
[1]). Some nitrogen-poor spinel precipitates in the y- 
AION grain, corresponding to the satellite points ob- 
served; these precipitates would therefore be coherent 
with the matrix. 

After annealing treatment at 1650~ and com- 
paring with the initial sample, the precipitates ob- 
served in the oxynitride grains (Fig. 6) are more de- 
veloped, in the form of platelets about 0.1 lam thick 
and 0.5-1 lam long. These defects could be 0t-Al20 3 
precipitates (stage III), because the annealing treat- 
ment at 1650~ (150~ below the sintering temper- 
ature) permits continuing decomposition of the 

Figure 5 TEM observations of initial (I) B composite: (a) A1ON grain and (b) corresponding microdiffraction pattern. 
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supersaturated metastable spinel formed during the 
sintering time at 1800 ~ 

In Fig. 7, after deformation the B material presents 
a lot of holes and some microcracks. This underlines 
the brittleness of this material, which was damaged 
during the thinning procedure. Some triangular holes 
at triple points can be due to creep cavities. The spinel 
oxynitride grains have a different aspect to those 
observed in the annealed sample (Fig. 6). The com- 
posite present only a few grains containing precipita- 
tes, as in the initial material. The other 7-AION grains 
present no defects. The deformed sample shows a lot 
of relatively large (3-6 gin) alumina grains, containing 
small nodules (0.1 to 0.5 gm diameter, Fig. 8). In this B 
sample, the 7-A1ON decomposition is more important 
(XRD and microstructure) and the alumina platelets 
which could be formed have coalesced with the pre- 

Figure 8 TEM observations of deformed (D) B composite: detail of 
alumina grains containing nodules. 

Figure 6 TEM observation of annealed (T) B composite: AION 
grain. 

vious A120 s matrix grains. The small intragranular 
nodules could be nitrogen-poor A1ON, or even A1N 
(its content is too small to be detected by XRD), which 
is the ultimate stage of y-oxynitride decomposition 
(Fig. 8). 

These TEM observations confirm that the deforma- 
tion treatment under stress at 1650 ~ enhanced the 
precipitation of the alumina in solution in the •-AION 
spinel. Lewis [13], in the description of his experi- 
mental technique, mentioned that due to the structure 
sensitivity of nucleation of the second-phase particles, 
it was found convenient to increase the dislocation 
density in the crystals by deformation prior to ageing 
at lower temperature. Although nothing is known 
about dislocation activities in the ?-A1ON phase, we 
can propose that this enhancement of y-A1ON de- 
composition results in the presence of transgranular 
dislocations in the A1ON grains due to the deforma- 
tion which promotes or modifies the A1203 precipit- 
ation process. In a study on superplastic deformation 
in fine-grained MgO.2AlzO ~ spinel, Panda et al. [17] 
showed that a dynamic recrystallization process oc- 
curs during deformation and the dynamic precipit- 
ation of A120 3 leads to some decrease in flow stress. 
By analogy with our study the dynamic precipitation 
of A1203 could be at the origin of the slight increase in 
strain rate during creep. 

Figure 7 TEM observation of deformed (D) B composite: general 
view showing cracks and holes. 

5. Conclusion 
It has been established that during the sintering of the 
AlzO3-y-A1ON composites, the ,/-A1ON phase was 
supersaturated in alumina. The metastable phase can 
be decomposed more by thermomechanical treatment 
than by thermal treatment. This leads to the pre- 
cipitation of alumina or A1ON spinel with a low 
nitrogen content. The plasticity of such composite 
materials could be due more to dislocation activity in 
the metastable A1ON phase than to the classical grain 
boundary sliding in superplastic ceramic materials. 
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